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and SUNGHAK LEE
The microstructural evolution with varying intercritical-annealing temperatures of medium-Mn
(a+ c) duplex lightweight steels and its eﬀects on tensile properties were investigated in relation
to the stability of austenite. The size and volume fraction of austenite grains increased as the
annealing temperature increased from 1123 K to 1173 K (850 C to 900 C), which corre-
sponded with the thermodynamic calculation data. When the annealing temperature increased
further to 1223 K (950 C), the size and volume fraction were reduced by the formation of
athermal a¢-martensite during the cooling because the thermal stability of austenite deteriorated
as a result of the decrease in C and Mn contents. In order to obtain the best combination of
strength and ductility by a transformation-induced plasticity (TRIP) mechanism, an appropriate
mechanical stability of austenite was needed and could be achieved when ﬁne austenite grains
(size: 1.4 lm, volume fraction: 0.26) were homogenously distributed in the ferrite matrix, as in
the 1123 K (850 C)—annealed steel. This best combination was attributed to the requirement
of suﬃcient deformation for TRIP and the formation of many deformation bands at ferrite
grains in both austenite and ferrite bands. Since this medium-Mn lightweight steel has excellent
tensile properties as well as reduced alloying costs and weight savings, it holds promise for new
automotive applications.
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I. INTRODUCTION
REDUCTION in automotive vehicle weight has been
emphasized in research and industrial areas of automo-
tive steels so as to increase fuel eﬃciency and decrease
greenhouse gases.[1,2] Automotive steels need excellent
strength and ductility simultaneously, and thus, highly
deformable high-strength steels have been actively devel-
oped by using deformation mechanisms such as trans-
formation-induced plasticity (TRIP) and twinning-
induced plasticity.[3–12] Besides, (ferrite + austenite)
duplex lightweight steels, in which a considerable amount
of Al is added to obtain the lightweight eﬀect, have also
been developed. It has been shown that the addition of 4
to 6 wt pct of Al results in 6 to 9 pct of weight saving in
comparison to conventional automotive steels, and occa-
sionally oﬀers excellent properties such as strengths
above 830 MPa and elongation above 40 pct.[3,13–15]
Since the addition of Al generally reduces the ductil-
ity,[16–21] (a+ c) duplex microstructures, where the
austenite works as a secondary phase in ferrite matrix,
have been favorably suggested.[3–6,13,14,22–27] From these
microstructures, high-strength and high-ductility light-
weight steels having high work-hardening capacity can be
achieved by a deformation-induced austenite/martensite
transformation, i.e., TRIP mechanism.[3–6]
In Fe-Mn-Al-C—based (a+ c) duplex lightweight
steels, Mn plays a role in promoting the formation of
austenite because it acts as an austenite stabilizer.[28,29]
This high addition of Mn, however, often causes
problems such as reduced productivity due to the
temperature drop of the molten steel during steelmak-
ing, nozzle blocking during continuous casting, cracking
during hot rolling, and surface oxidation of rolled steel
sheets.[30] The reduction in Mn addition is not easy
because the austenite-containing steel microstructure
has to be stabilized at room temperature. Thus, many
steel companies are actively developing medium-Mn
(a+ c) duplex lightweight steels containing about
10 wt pct of Mn and Al to achieve an excellent
combination of strength and ductility as well as low
alloying costs and lightweight eﬀects.[3,13,14] According
to research on Fe-5.8Mn-3.1Al-0.12C-0.47Si steel and
Fe-3.5Mn-5.9Al-0.4C steel,[4,6] austenite grains retained
at room temperature without j-carbides were reﬁned
(size: 0.2 to 0.3 lm) and were transformed to a¢-marten-
site during deformation to obtain the tensile strength
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and ductility of 990 MPa and 28 pct, respectively. In
order to achieve a more excellent combination of
strength and ductility in the medium-Mn duplex light-
weight steels, the eﬀective use of a TRIP mechanism by
properly controlling the mechanical stability of retained
austenite is needed.[3–5,31–33] In addition, studies on how
the size, volume fraction, and distribution of secondary
phases such as austenite and martensite and resultant
mechanical properties are aﬀected by an intercritical-an-
nealing treatment are also needed. Such a microstruc-
tural evolution occurring during various stages of
deformation might play an important role in controlling
the TRIP mechanism.
In this study, medium-Mn (a+ c) duplex lightweight
steels showing a TRIP mechanism were fabricated by
varying the intercritical-annealing temperature, and the
tensile properties were evaluated. In addition to the
experimental approach, fractions of phases existing at
high temperatures were veriﬁed by thermodynamic calcu-
lations. Detailed deformation mechanisms were investi-
gated in relation to microstructural evolution by electron
backscatter diﬀraction (EBSD) analyses, and they were
correlated with the microstructural evolution process and
with tensile strength and ductility. Appropriate
microstructures of medium-Mn lightweight steels were
suggested.
II. EXPERIMENTAL
A. Lightweight Steels
The lightweight steel examined in this study was fabri-
cated by a vacuum induction melting method, and its
chemical nominal composition was Fe-0.32C-5.8Mn-5Al-
(<0.02)(P+S) (wt pct). Sixty-millimeter-thick plates
homogenized at 1473 K (1200 C) for 1 hour were hot
rolled between 1373 Kand1173 K (1100 Cand900 C) to
produce 3-mm-thick sheets, and were cooled in a furnace
from 923 K (650 C) after holding at this temperature for
1 hour to simulate a coiling procedure. A batch annealing
treatment at 1023 K (750 C) for 1 hour followed by
furnace cooling was carried out in order to prevent edge
cracks frequently formed during cold rolling.[34] The
batch-annealed sheets were rolled to 1-mm thickness at
room temperature. The cold-rolled sheets were intercriti-
cally annealed at 1123 K, 1173 K, and 1223 K (850 C,
900 C, and 950 C) for 10 minutes at an Ar atmosphere
and cooled in air. For convenience, the steel sheets
annealed at 1123 K, 1173 K, and 1223 K (850 C,
900 C, and 950 C) are referred to as ‘A850,’ ‘A900,’
and ‘A950,’ respectively. The density of the present
lightweight steel was measured to be 7.2 g cm3 by a
densitometry (model: Mettler-Toledo XP205, Met-
tler-Toledo AG, Switzerland), based on Archimedes
principle, which showed an apparentweight reduction of
about 9 pct in comparison with pure Fe.
B. Microstructural Analysis
Phases present in the steels were identiﬁed by X-ray
diﬀraction (XRD, Cu Ka radiation, scan rate:
2 deg min1, scan step size: 0.02 deg). The EBSD
analysis (step size: 0.1 lm) was conducted by a ﬁeld
emission-scanning electron microscope (model:
S-4300SE, Hitachi, Tokyo). The EBSD specimens were
mechanically polished and then electropolished in a
solution of 8 pct perchloric acid+92 pct acetic acid at a
voltage of 40 V. The data were interpreted by orienta-
tion imaging microscopy (OIM) analysis software (TSL
OIM Analysis 5.2) provided by TexSEM Laboratories,
Inc. Electron probe microanalysis (EPMA) measure-
ments employing wavelength-dispersive spectrometry
were also performed by an EPMA microprobe (model:
JXA 8530F microprobe, JEOL, Tokyo) at an electron
beam voltage of 15 keV. Since the precise measurement
of C content in the EPMA was diﬃcult, the C content
was measured by the XRD method using the following
equation:[35]
ac ¼ 3:578 þ 0:0330XC þ 0:0056XAl þ 0:00095XMn
½1
where ac is austenite lattice parameter (in A˚) and XC,
XMn, and XAl are concentrations of C, Mn, and Al,
respectively (in wt pct). The austenite lattice parameter
(ac) was determined from a d-spacing of (220)c position.
The volume fraction of austenite was measured by a
direct comparison method using XRD analysis.[36]
Integrated intensities of (200)a and (211)a peaks,
(220)c and (311)c peaks were applied for this XRD
method. It is known that the uncertainty of the fraction
of austenite obtained from the XRD analysis is approx-
imately 5 pct, although it can increase when the spec-
imen has a preferred orientation.[37]
C. Tensile Test
Plate-type tensile specimens having gage length of
25 mm, gage width of 6 mm, and gage thickness of
1 mm were prepared in the longitudinal direction. They
were tested at room temperature at a strain rate of
103 s1 by a universal testing machine (model: 8801,
Instron, Canton, MA) of 100-kN capacity. The tensile
test was conducted three times for each datum point. In
order to investigate crack initiation and propagation
processes, the fracture surface and its cross-sectional
area were observed by SEM.
III. RESULTS
A. Interpretation of High-Temperature Equilibrium
Phases by Thermodynamic Calculation
Fractions of equilibrium phases and solute contents in
ferrite and austenite phases were veriﬁed by thermody-
namic calculations in the temperature range of 873 K to
1273 K (600 C to 1000 C). Thermo-Calc,[38] which is a
commercial thermodynamic calculating program, was
used for the calculation, based on the thermodynamic
database of TCFE2000 and its upgraded version.[39,40]
Since ferrite, austenite, and j-carbide are main phases in
the Fe-Mn-Al-C—based (a+ c) duplex lightweight
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steels, they are considered in the thermodynamic calcu-
lations. According to the thermodynamic database,[39,40]
other phases, e.g., cementite, M5C2, and M7C3, origi-
nating from the Fe-Mn-C ternary system and graphite,
might appear as stable phases, but these phases are not
considered in the calculations because they are not
present in the actual microstructures. Figure 1(a) shows
fractions of equilibrium phases (ferrite, austenite, and
j-carbide). Here, fractions of phases in the equilibrium
phase diagrams are calculated as atomic fractions, which
can be converted by mole fractions or mass fractions. In
the present study, however, the raw data have been used
because variation trends of phase fractions are more
important than quantities of phase fractions themselves.
The austenite and ferrite equally exist at 1123 K
(850 C), and the fraction of austenite decreases as the
temperature decreases. At 943 K (670 C), j-carbides
begin to precipitate, while the fraction of austenite
abruptly decreases. In the present annealing temperature
range of 1123 K to 1223 K (850 C to 950 C), j-carbides
are not formed. Solute contents existing in the austenite
between 873 K and 1273 K (600 C and 1000 C) are
shown in Figure 1(b). As the austenite fraction decreases,
the C and Mn contents increase from the nominal
composition by alloying partitioning, while the Al content
decreases. The Mn, Al, and C contents are 7.6, 4.6, and
0.6 wt pct, respectively, at 1123 K (850 C), and are
changed to 6.8, 4.7, and 0.47 wt pct, respectively, when
the temperature increases to 1223 K (950 C).
B. Microstructure
EBSD phase maps of the A850, A900, and A950
steels, together with grain size and volume fraction of
austenite (Dc and Vc), are shown in Figures 2(a) through
(c). The microstructures exhibit a banded structure
elongated along the rolling direction, which is composed
of ferrite and austenite bands. This banded structure is
frequently observed in (a+ c) duplex stainless steels and
lightweight steels.[41–43] Because of the high content of
Al, which acts as a strong ferrite stabilizer, the coarse
ferrite solidiﬁed from the liquid is not entirely trans-
formed to austenite during homogenization and hot-rol-
ling procedures, which makes it diﬃcult for the austenite
to exist as a single phase. This coarse ferrite structure is
retained in a banded shape even after hot rolling,
because it is not easily broken or recrystallized. The
ferrite band consists of coarse ferrite grains, while the
austenite band consists of ﬁne ferrite and austenite
grains, as indicated by white-dotted lines in Figure 2(a).
The volume fraction and grain size of austenite are 0.263
and 1.4 lm, respectively, in the A850 steel. As the
annealing temperature increases, austenite grains are
coarsened to 2.0 lm in the A900 steel (Figure 2(b)) and
then are reﬁned to 1.8 lm in the A950 steel
(Figure 2(c)). The shapes of bcc phases in the austenite
band of the A950 steel are somewhat diﬀerent from
those of the other steels.
Figures 3(a) through (c) show an image quality (IQ)
phase color map and inverse pole ﬁgure (IPF) maps of
austenite band in the A950 steel. Since the IQ map
quantiﬁes the sharpness of diﬀraction bands, it can serve
as a qualitative measure of crystal perfection in terms of
its content of lattice defects.[44,45] Perfect crystal regions
show a high IQ (light), whereas highly lattice-distorted
regions, such as interfacial areas, severely deformed
zones, and inclusions, show a lower IQ (dark).[44,45] In
the IQ map, the austenite band consists of blue-colored
austenite grains and white- or gray-colored bcc phase
grains (Figure 3(a)). The gray-colored bcc grains mean
that they are highly lattice distorted.[44,45] The IPF map
of bcc phase (Figure 3(b)) shows that the gray-colored
bcc grains are identiﬁed to be a¢-martensite having
well-developed laths. Thus, the A950 steel consists of
Fig. 1—(a) Fractions of the equilibrium phases (ferrite, austenite, and j-carbide) and (b) solute contents in the austenite phase in the tempera-
ture range of 873 K to 1273 K (600 C to 1000 C).
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ferrite, austenite, and a¢-martensite. According to the
IPF map of austenite (Figure 3(c)), white-dotted lines
are identiﬁed to be prior austenite grain boundaries
because austenite and nearby martensite have the same
orientation, which indicates that the martensite located
inside a prior austenite grain was transformed from the
large prior austenite grain.
The EBSD phase maps of ferrite band of the A850,
A900, and A950 steels are shown in Figures 4(a)
through (c). In the A850 steel, very few austenite grains
are observed in the ferrite band (Figure 4(a)). As the
annealing temperature increases, austenite grains are
nucleated at ferrite grain boundaries, and their volume
fraction increases to 0.154 (Figures 4(b) and (c)). In the
A950 steel, already nucleated austenite grains are grown,
or new grains are nucleated. Some of them are trans-
formed to a¢-martensite during cooling, as indicated by
the arrows in Figure 4(c).
C. Tensile Properties
Figure 5 indicates room-temperature tensile engineer-
ing stress–strain curves, from which tensile properties are
summarized in Table I. The yield and tensile strengths of
the A850 steel are 487 and 804 MPa, respectively, while
the elongation is relatively high (56 pct). As the annealing
temperature increases from 1123 K to 1223 K (850 C to
950 C), the yield strength and elongation decrease, while
the tensile strength increases. In the A950 steel, the tensile
strength reaches 1056 MPa, but the elongation reduces to
13.5 pct. Figure 6(a) shows true stress–strain curves and
strain-hardening rate (dr/de) curves, which are indicated
by solid and dotted lines, respectively. The three steels
show very high true tensile strength of about 1.2 GPa.
The strain-hardening rate shows a gradually decreasing
behavior after yielding in the A950 steel, whereas it shows
a down-up-down behavior in the A850 and A900 steels.
In the early stage of strain hardening, the strain-harden-
ing rate increases in the order of A850, A900, and A950
steels.
The volume fractions of austenite were measured by a
direct comparison method using XRD analysis, and the
results are plotted as a function of true strain in
Figure 6(b). Before the tensile deformation, the volume
fraction of austenite increases in the order of A950,
A850, and A900 steels, which matches the EBSD results
in Figures 2(a) through (c). In the A850 steel, the
austenite fraction decreases relatively slowly with
increasing true strain as a considerable amount of
austenite grains transform to a¢-martensite, whereas it
Fig. 2—EBSD phase maps of the (a) A850, (b) A900, and (c) A950 steels. The microstructures basically exhibit a banded structure elongated
along the rolling direction, which is composed of ferrite and austenite bands. The ferrite band consists of coarse ferrite grains, while the austen-
ite band consists of ﬁne ferrite and austenite grains.
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decreases rather rapidly in the A900 and A950 steels. The
decreased amount of austenite fraction is largest in A900
steel. EBSD phase maps of the cross-sectional area
beneath the fracture surface are shown in Figures 7(a)
through (c). Most of the austenite grains are transformed
to a¢-martensite by a TRIP mechanism, and the resultant
volume fraction of austenite decreases below 0.06 in the
three steels. Deformation twins or e-martensite are not
found at all, which corresponds to previous research.[4–6]
D. Tensile Deformation Behavior
In order to investigate the tensile deformation behav-
ior in detail, the cross-sectional areas beneath the
fracture surface of the tensile specimen were analyzed
by SEM, as shown in Figures 8 through 10. These SEM
micrographs are classiﬁed by initial, intermediate, and
ﬁnal stages according to the extent of deformation or the
distance from fracture surface. In the initial stage of the
A850 steel, where ferrite and austenite bands are
distinguished clearly, deformation bands are weakly
initiated inside ferrite bands (Figure 8(a)), while a few
martensite phases are formed inside austenite bands, as
marked by arrows in Figure 8(b). As the deformation
proceeds into the intermediated stage, deformation
bands are actively developed in austenite bands as well
as ferrite bands (Figure 8(c)), and most of the austenite
grains are transformed to martensite (Figure 8(d)).
Common failure sites of martensite are martensite/fer-
rite interfaces or martensite phases themselves, which
lead to the formation of microvoids or microcracks,
respectively.[46] With further deformation, deformation
bands are deepened inside ferrite bands and microvoids
are initiated at martensite/ferrite interfaces inside
austenite bands (Figures 8(e) and (f)).
In the A900 steel, the overall deformation behavior is
similar to that of the A850 steel. In the initial deforma-
tion stage, a considerable number of martensite phases
are formed inside austenite bands by the c/a¢ transfor-
mation, while deformation bands are weakly formed
inside ferrite bands (Figures 9(a) and (b)). In the next
deformation stage, most austenite grains inside austenite
bands are transformed to martensite, and microvoids or
microcracks are formed at martensite/ferrite interfaces
Fig. 3—(a) IQ phase color map, (b) IPF map of bcc phase, and (c) IPF map of fcc phase (austenite) of the A950 steel.
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or martensite phases themselves (Figures 9(c) and (d)).
It is not likely that deformation bands are actively
formed inside ferrite bands.
In the A950 steel containing a considerable number of
martensite phases prior to tensile deformation, micro-
voids or microcracks are initiated at martensite/ferrite
interfaces or martensite phases right after tensile defor-
mation, while deformation bands are hardly developed
inside ferrite bands (Figures 10(a) and (b)). As the
deformation proceeds further, microvoids or microc-
racks are propagated into ferrite bands or austenite
bands to form long cleavage cracks (Figures 10(c) and
(d)).
The SEM fractographs of the fractured tensile spec-
imen are shown in Figures 11(a) through (c). In the
A850 steel, a ductile-dimpled fracture is predominant
because deformation bands are well developed in wide
areas (Figure 11(a)). In the A900 and A950 steels, the
fracture occurs in a mixed mode of quasi-cleavage
fracture and cleavage fracture (Figures 11(b) and (c)).
The cleavage fracture mode prevails more in the A950
steel.
IV. DISCUSSION
The volume fraction of austenite increases with
increasing annealing temperature, as shown in the
thermodynamic calculation data (Figure 1(a)). In the
A950 steel, however, it decreases as many austenite
Fig. 4—EBSD phase maps of ferrite band of the (a) A850, (b) A900, and (c) A950 steels. Austenite grains are nucleated at ferrite grain bound-
aries in the A900 and A950 steels, and their volume fractions range from 0.126 to 0.154.
Fig. 5—Room-temperature tensile engineering stress–strain curves of
the A850, A900, and A950 steels. As the annealing temperature in-
creases, the yield strength and elongation decrease, while the tensile
strength increases.
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grains are transformed to martensite, as shown in
Figures 2 through 4. This is because the thermal
stability of austenite is deteriorated by the decrease in
C and Mn contents (Figure 1(b)), the increase in volume
fraction of austenite, and the coarsening of austenite
grains (Figure 2(c)). This increase in austenite grain size
readily provides nucleation sites for stacking faults and
shear-band intersections.[47] It also promotes the trans-
formation to martensite due to the decrease in strain
energy required for lattice distortion and shear defor-
mation.[45,46] The eﬀects of alloying elements and grain
sizes on martensite start temperature (Ms) can be
explained by the following equations suggested by
Jimenez-Melero et al.[48] and Mahieu et al.[36]:
Ms0 Kð Þ ¼ 539423C 30:4Mn 7:5Si þ 30Al þ 273
½2
Ms Kð Þ ¼ Ms0B V1=3c
 
½3
where Ms0 shows the eﬀect of alloying composition; Vc
and B are the average volume and geometry coeﬃcient
(475 lm K) of austenite grain, respectively. The C, Mn,
and Al contents, austenite grain size, and the Ms of the
three annealed steels are shown in Table II. Here, C,
Mn, and Al contents are measured from the XRD and
EPMA analyses. In theMs calculation of the A950 steel,
the prior austenite grain size measured from white-dot-
ted areas in Figures 3(a) through (c) (2.6 lm) is used,
because the austenite grain size measured from the
EBSD phase map (Figure 2(c)) is underestimated by the
martensite formed during cooling.
When the annealing temperature increases from
1123 K to 1223 K (850 C to 950 C), the contents of
C and Mn in the austenite are reduced by 0.13 and
0.81 wt pct, respectively, while the content of Al
increases slightly. The grain sizes of austenite are 1.4
and 2.6 lm in the A850 and A950 steels, respectively,
which indicates about an increase of two times in grain
size. The eﬀect of alloying composition (Ms0) is calcu-
lated to be 738 K to 820 K (465 C to 547 C) in the
three steels, because the contents of C and Mn decrease
with increasing austenite volume fraction, which shows
the higher Ms0 by 82 K (82 C) in the A950 steel. When
the austenite grain size is considered, theMs of the A950
steel is calculated to be 320 K (47 C), which is higher
by 288 K (288 C) than that of the A850 steel. This
implies that the martensite can be formed during cooling
without any deformation in the A950 steel. As a result of
the existence of athermal a¢-martensite, thus, the volume
fraction and size of austenite of the A950 steel are lower
or smaller than those of the A900 steel (Figures 2(b) and
(c)).
This variation in austenite stability greatly aﬀects the
tensile properties of the annealed steels as well as the
microstructural evolution. The decrease in yield strength
with increasing annealing temperature can be explained
by the coarsening of grains due to the Hall–Petch
relation and the presence of a¢-martensite in the A950
steel. Dislocations are nucleated at nearby ferrite
boundaries by the shear strain and volume change
induced by c/a¢ transformation, but dislocations nucle-
ated near the martensite are not pinned.[49,50] These
martensite-induced dislocations are moved even at low
stress levels, which reduces the yield strength and causes
the high strain-hardening rate with further
deformation.[50]
According to Figure 6(a), the strain-hardening rate
shows a down-up-down behavior in the A850 and A900
steels, and starts to increase at the true strain of 0.15 and
Table I. Room-Temperature Tensile Test Results of the Three Annealed Lightweight Steels
Steel Yield Strength (MPa) Tensile Strength (MPa) Elongation (Pct)
A850 487 ± 10 804 ± 13 55.5 ± 1.2
A900 385 ± 1 950 ± 12 30.8 ± 1.5
A950 308 ± 4 1056 ± 8 13.5 ± 0.8
Fig. 6—(a) True stress–strain and strain-hardening rate curves and
(b) austenite volume fraction of the A850, A900, and A950 steels.
The volume fractions of austenite were measured by a direct com-
parison method using XRD analysis.
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0.02, respectively. As learned from the variation in
austenite volume fraction (Figure 6(b)), the increasing
range of strain-hardening rate is attributed to the
activation of strain-induced c/a¢ transformation. In the
A850 steel, the stability of austenite is highest because of
the grain reﬁnement and high contents of C and Mn;
thus, the deformation of true strain of 0.15 is required to
trigger the active TRIP mechanism. Since the strain-in-
duced c/a¢ transformation needs a considerable amount
of deformation, a suﬃcient number of deformation
bands are formed at ferrite grains in the initial stage
of deformation in both austenite and ferrite bands
(Figures 8(a) and (b)). When the deformation proceeds
further, microvoids are initiated at austenite/martensite
interfaces inside austenite bands, but their coalescence
and propagation procedures are very slow to reach ﬁnal
failure (Figures 8(e) and (f)). Since ferrite grains take
over most of the strains as deformation bands are
suﬃciently formed, the fracture occurs in a ductile-dim-
pled fracture mode (Figure 11(a)). When the c/a¢ trans-
formation rate is appropriate, as in the A850 steel, most
of the strains are relatively homogeneously distributed
into austenite grains as well as ferrite grains, which
results in a good combination of strength and ductility
(Table I).
In the A900 steel whose austenite stability is lower
than that of the A850 steel, the strain required for the
active c/a¢ transformation is lower, and the strain-hard-
ening rate is higher because of the higher c/a¢ transfor-
mation rate. In the initial stage of deformation,
deformation bands are not well developed inside ferrite
and austenite bands (Figures 9(a) and (b)). The higher c/
a¢ transformation rate than the A850 steel results in
higher tensile strength, but provides more microvoids or
microcrack initiation sites at martensite/ferrite interfaces
or martensite phases (Figures 9(c) and (d)). In the case
of decreased austenite stability, as in the A900 steel,
thus, the deformation strain works for the c/a¢ trans-
formation rather than the formation of deformation
bands, thereby leading to higher strength and lower
elongation.
The A950 steel already contains a considerable
number of martensite phases before the tensile defor-
mation. Its strain-hardening rate is highest in the initial
stage of deformation (Figure 6(a)), and the austenite
volume fraction rapidly decreases (Figure 6(b)). Since
the austenite stability and required deformation amount
are lowest, deformation bands are not formed at ferrite
grains in both austenite and ferrite bands (Figures 10(a)
and (b)). Microvoids or microcracks readily initiate at
Fig. 7—EBSD phase maps of the cross-sectional area beneath the fracture surface of the (a) A850, (b) A900, and (c) A950 steels. Most austenite
grains are transformed to martensite by a TRIP mechanism, and the resultant volume fraction of austenite decreases below 0.06 in the three
steels.
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Fig. 8—SEM micrographs of the cross-sectional area beneath the fracture surface of the tensile specimen of the A850 steel, showing (a) and (b)
deformation bands weakly initiated inside ferrite bands and a few martensite phases inside austenite bands, (c) and (d) deformation bands devel-
oped in austenite and ferrite bands and many martensite phases transformed from austenite grains, and (e) and (f) deepened deformation bands
inside ferrite bands and microvoids initiated at martensite/ferrite interfaces inside austenite bands. These SEM micrographs are classiﬁed by ini-
tial, intermediate, and ﬁnal stages according to the extent of the deformation.
Fig. 9—SEM micrographs of the cross-sectional area beneath the fracture surface of the tensile specimen of the A900 steel, showing (a) and (b)
deformation bands weakly formed inside ferrite bands and martensite phases formed by c/a¢ transformation inside austenite bands and (c) and
(d) microvoids or microcracks formed at martensite/ferrite interfaces or martensite phases.
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martensite/ferrite interfaces or martensite phases even at
a low strain level and propagate across ferrite grains to
form cleavage cracks (Figures 10(c) and (d)). This
results in a major fracture mode of cleavage on the
fracture surface (Figure 11(c)). In the A950 steel, the
deformation is concentrated in austenite grains and
Fig. 10—SEM micrographs of the cross-sectional area beneath the fracture surface of the tensile specimen of the A950 steel, showing (a) and (b)
microvoids or microcracks initiated at martensite/ferrite interfaces or martensite phases inside austenite bands and (c) and (d) propagation of
microvoids or microcracks into ferrite or austenite bands to form long cleavage cracks.
Fig. 11—SEM fractographs of the tensile specimens of the (a) A850, (b) A900, and (c) A950 steels. A ductile-dimpled fracture mode is predomi-
nant in the A850 steel, whereas a mixed mode of quasi-cleavage fracture and cleavage fracture is observed in the A900 and A950 steels.
Table II. C, Mn, and Al Contents, Austenite Grain Size, and Martensite Start Temperature (Ms) of the Three Annealed Light-
weight Steels
Steel C* (Wt Pct) Mn** (Wt Pct) Al** (Wt Pct) Austenite Grain Size (lm) Ms0
 [K (C)] Ms [K (C)]
A850 0.60 7.63 4.57 1.4 ± 0.5 738 (465) 32 (241)
A900 0.53 7.15 4.63 2.0 ± 0.7 784 (511) 215 (58)
A950 0.47 6.82 4.68 2.6 ± 0.7 820 (547) 320 (47)
*Content of C measured from the XRD analysis.
**Contents of Mn and Al measured from the EPMA analysis.
 Prior austenite grain size measured from white-dotted areas in Figs. 3(a) through (c).
 Ms temperatures calculated from Eqs. [1] and [2].
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martensite without forming deformation bands at ferrite
grains because of the most active c/a¢ transformation,
which results in the highest strength and lowest elonga-
tion (Figure 5 and Table I).
In the present intercritically annealed medium-Mn
lightweight steels containing austenite and martensite in
the ferrite matrix, the formation of martensite is
desirable for the tensile strength. When considering the
strength and elongation simultaneously, austenite grains
having an appropriate stability for the formation of
strain-induced martensite are desirable. Since austenite
grains and their stability greatly aﬀect tensile properties,
they do not suﬃciently contribute to the ductility
improvement in the A950 steel having very low stability.
In order to obtain the best combination of strength and
ductility, thus, the formation of austenite having an
appropriate stability, i.e., highest stability in the present
case, is needed, and can be achieved when 0.26 of ﬁne
austenite (size: 1.4 lm) is homogenously distributed in
the ferrite matrix, as in the A850 steel. This best
combination of strength and ductility is attributed to the
requirement of suﬃcient deformation for strain-induced
c/a¢ transformation and the formation of many defor-
mation bands at ferrite grains in austenite and ferrite
bands, as most of strains are homogeneously distributed
into austenite grains as well as ferrite grains. Since this
steel has excellent strength and ductility as well as
reduced costs of alloying elements and weight savings, it
holds promise for automotive applications requiring
excellent mechanical properties.
V. CONCLUSIONS
Medium-Mn duplex lightweight steels were developed
by varying the intercritical-annealing temperature of an
Fe-0.32C-5.8Mn-5Al (wt pct) steel, and their tensile
properties were explained by the stability of austenite,
which played an important role in the TRIP mechanism.
1. In the 1123 K (850 C)—annealed steel, the stability
of austenite was highest because of the grain
refinement and high contents of C and Mn; thus,
the largest deformation was required for triggering
the active TRIP mechanism among the three
annealed steels. Since the TRIP needed a consider-
able amount of deformation, many deformation
bands were formed at ferrite grains in both austenite
and ferrite bands. As ferrite grains took over most
of the strains by sufficiently forming deformation
bands, an excellent combination of strength and
ductility was achieved.
2. Since the 1223 K (950 C)—annealed steel already
contained a considerable amount of martensite
before tensile deformation, the strain-hardening
rate was very high and the austenite stability and
deformation amount required for the TRIP were
lowest among the three annealed steels. Deforma-
tion bands were not formed at ferrite grains and
microvoids or microcracks readily initiated at
martensite/ferrite interfaces or martensite phases
even at a low strain level, thereby leading to very
low ductility in spite of the high tensile strength.
3. In order to obtain the best combination of strength
and ductility by the TRIP mechanism, the formation
of austenite having an appropriate stability, i.e.,
highest stability in the present case, was needed and
could be achieved when fine austenite grains (size:
1.4 lm, volume fraction: 0.26) were homogenously
distributed in the ferrite matrix, as in the 1123 K
(850 C)—annealed steel. Since this medium-Mn
lightweight steel has excellent tensile properties as
well as reduced alloying costs and weight savings, it
shows promise for new automotive applications.
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